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Solute hydrogen and hydride phase implications on the plasticity of zirconium and titanium alloys: a review and some recent advances E. Conforto 1 In this contribution, we propose a review of the possible implications of hydrogen on mechanical behaviour of Zr and Ti alloys with emphasis on the mechanisms of plasticity and strain hardening. Recent advances on the impact of oxygen and hydrogen on the activation volume show that oxygen content hinders creep but hydrogen partially screens this effect. Both aspects are discussed in terms of a locking-unlocking model of the screw dislocation mobility in prismatic slip. Additionally, possible extension of this behaviour is suggested for the c + a pyramidal slip. The low hydrogen solubility in both Zr and Ti leads in many cases to hydride precipitation. The nature of these phases depends on the hydrogen content and can show crystallographic orientation relationships with the hexagonal compact structure of the alloys. Some advances on the thermal stability of these phases are illustrated and discussed in relation with the deepening of the misfit dislocations. Under tensile loading, we showed that hydrides enhance the hardening process in relation with internal stress due to strain incompatibilities between the Zr and Ti matrix and hydride phases. Different plastic yielding processes of hydrides were identified, which progressively reduce these strain incompatibilities.
This article is part of the themed issue 'The challenges of hydrogen and metals'.
Introduction
By virtue of the conditions necessary during processing and application environments, hydrogen is intimately associated with titanium and zirconium alloys. Hydrogen can favour the refinement of some microstructures of titanium alloys [1] , and thus offer better biocompatibility [2] ; however, this can also lead to possible embrittlement shown in several industrial applications [3] . These cases of embrittlement are strongly linked to the interaction of the hydrogen with the crystal structure and the specific mechanisms of plasticity exhibited by these alloys. Titanium and zirconium alloys present a significant number of deformation modes (five slip systems and four deformation twin modes) [4, 5] , which should confer high ductility. However, this theoretical ductility is strongly mitigated by the deformation modes having very different critical resolved shear stresses (CRSS) [5] [6] [7] . In the case of Ti-α and Zr-α, the prismatic slip a/2 1210 {1010} ( a − P) is currently recognized as the easiest slip mode. a dislocations with Burgers vector a/2 1210 may glide also in the basal plane (0001) or in a first-order pyramidal plane {1011}, which are defined as secondary slip systems. Cross-slip of a dislocations in first-order pyramidal planes {1011} is also observed. For all these slips systems, a dislocations cannot accommodate strain along the c axis of the hexagonal close-packed lattice; consequently additional deformation modes are needed, which correspond to twin modes or c + a (a/3 1123 ) Burgers vector gliding either in the {1011} first-order pyramidal plane (π 1 ) or in the {1012} second-order pyramidal plane (π 2 ). In numerous cases, ease of Ti-α and Zr-α to deform plastically in selected crystallographic planes depends on the mobility of the screw dislocation in relation with the core structure of its dislocations. The involvement of the oxygen and the hydrogen atoms and their interactions with the dislocation core are fundamental to solve the thermodynamic processes, which would explain the viscoplastic behaviour and the anisotropy in Ti-α and Zr-α alloys [5] [6] [7] . We shall go over this last point in the present paper referencing recent experimental work. As long as Ti-α and Zr-α accept hydrogen in solid solution, it is randomly distributed to energetically favourable tetrahedral sites [8, 9] . Knowing the limits of solubility of hydrogen in the material is fundamental to understanding the role of hydrogen in the material's mechanical properties. The Ti-H and Zr-H equilibrium phase diagrams show that H solubility is very low at ambient temperature, and therefore will quickly form hydride phases ZrHx and TiHx [10] . The nature of the precipitate phases depends on the hydrogen content and the temperature stability will define the crystallographic relationships existing between the hydride and the matrix (α-phase), and we shall discuss these with reference to our experimental work [11] . At ambient temperature, the hydrogen atoms are mostly found in the form of hydrides; consequently, it seems important to improve the understanding and clarify the dislocation/hydride interactions and their consequences on the strain hardening of Ti-α and Zr-α alloys. Therefore, the present review focuses on the impact of hydrogen atoms on the plasticity of the Ti and Zr alloys; some fundamental properties will be summarized and discussed: -The effect of solute hydrogen atoms on dislocation mobility in the different slip systems. -The nature of hydrides, their crystallographic relationship with α-phase, and their thermal stability. -The interaction between hydrides and deformation mechanisms and their implications on strain hardening.
The effect of hydrogen on the accommodation of plastic deformation
The plastic strain accommodation in Ti and Zr alloys is strongly affected by solute content, especially oxygen. Therefore, to understand the impact of hydrogen solutes on plastic behaviour, we must also take into account the interaction of oxygen solutes. Oxygen solutes generally lead to significant hardening and modify the strain rate sensibility of the stress in relation to a possible modification of the dislocation core structure. Numerous experimental observations demonstrate the non-planar character of the dislocation core of the type a dislocations (see [12] [13] [14] for a review). In particular, transmission electron microscopy (TEM) post-mortem observations (T < 673 K) show long screw dislocations. Furthermore, during in situ TEM tensile tests, the works of Naka et al. [15] and of Farenc et al. [16] demonstrate a large difference in dislocation mobility between the screw and edge dislocations, the latter presenting a planar structure [17] . The nature of the several planes of core spreading of the a screw dislocations remains a subject of controversy. There is a wide consensus on the core spreading on the prismatic plane and the possibility of having some secondary spreading in basal and first pyramidal planes. Indeed, while Naka et al. [15] propose the first pyramidal planes as a secondary spreading possibility, the main atomistic works relate a screw dislocation core with a basal spreading plane [9, [18] [19] [20] . More recently, Clouet et al. revisit these calculations and demonstrate that the spreading in prismatic and first pyramidal planes are stable configurations, while the configuration in the basal plane is unstable for pure Ti and Zr metals [21, 22] . Therefore, screw dislocations have been shown to dissociate into more than one plane and undergo nonplanar dissociation, and are likely the reason for the high level of frictional stress and high dependence of yield stress on temperature exhibited in these alloys. Both of these properties strongly depend on the solute content and especially the oxygen content [5, 12] : the strain rate sensitivity of stress and the critical resolved shear stress of prismatic slip increases very effectively as a function of oxygen content [5, 6, 14] . Clouet et al. have commented on this hardening effect using recent atomistic calculations [22] . The possible source of hardening suggested is associated with a strong repulsion of oxygen and a modification of the dislocation core structure which promotes cross-slip on the π 1 -plane. The a dislocations can also move on two planes: the basal plane B and the first pyramidal planes π 1 , which are recognized as secondary slip systems. The basal slip system is generally observed only for well geometrically oriented crystals and large plastic strain [5] [6] [7] 12, 16, [23] [24] [25] [26] [27] [28] [29] [30] [31] [32] [33] . The CRSS of basal slip and the strain rate sensitivity of stress are higher than the ones reported for prismatic slip for a large range of temperatures and oxygen content [5, 6, 12] . However, it should be noted that these differences decrease as a function of temperature and oxygen concentration in Ti-α and Zr-α [5, 6, 34] and aluminium concentration in Ti-α [29, 30] .
The first pyramidal plane π 1 is often described as the cross-slip plane of a screw dislocations [12] [13] [14] [15] [16] 24] . On the other hand, the basal plane has also been observed as a cross-slip plane in high purity titanium alloy [16] . Therefore, we may infer that the active cross-slip plane depends on the oxygen content (basal for pure metals and π 1 in the presence of oxygen). Consequently, the understanding of the effect of oxygen solute content on dislocation core behaviour needs to be improved in future works. The a π 1 is not only a cross-slip system but also a secondary slip system as identified by some authors [12, 31, 33] . Its CRSS is higher than the one of the prismatic slip plane and the difference seems to decrease with the addition of oxygen [6, 16] .
The deformation along the c axis is associated with the two secondary deformation modes, which are the twinning and the slip with a c + a Burgers vector. These can be present simultaneously in a grain [12] . Nevertheless, the presence of oxygen and/or aluminium is unfavourable for the twinning process and favours the pyramidal slips (π 1 and π 2 ) of c + a dislocations. The c + a slip plane depends on dislocation character (screw or edge) and the stress loading direction. Atomistic calculations suggest that the c + a dislocations glide in the {1011} plane for a negative shear stress (tensile loading along [0001] ) and glide in the {1122} plane for a positive shear stress (compression along [0001]) [35] [36] [37] . Numerous TEM observations in various titanium and zirconium alloys confirmed this feature [12, [38] [39] [40] . The CRSS, τ c and the stress sensitivity to the plastic strain rate are much higher than those reported for the other slip systems. Moreover, τ c depends on the stress direction (lower in tension than in compression). The c + a core structure has not been clearly investigated; consequently, the nature of the spreading planes remains unknown.
In spite of the possible activation of secondary slip, prismatic slip generally accommodates most of the plastic deformation in the early stages of deformation for the orientations favourable to the mobility of a dislocations. In particular, the stress sensitivity to the plastic strain rate is associated with the mobility of the a screw dislocations in the prismatic planes. In situ TEM tensile tests on Ti-α single crystals show that, at low temperature (T ≤ 473 K), the jerky movement of the screw dislocations accommodates the plastic deformation, which indicates the occurrence of a locking-unlocking mechanism [16, 41] . Indeed, the mobility of the edge dislocations is much greater than that of the screw ones at low temperatures. Consequently, the screw dislocations are the only ones that control the plastic deformation. Precise analysis of in situ TEM experiments, paying attention to the changes in the activation volume as a function of temperature, shows that there exists a transition (for a temperature close to 300 K) between a mechanism of constriction of the dislocation core described by a formalism developed by Friedel-Escaig, and a double-kink mechanism which is associated with the Peierls model [42] . The constriction of the secondary spread planes of the sessile configuration onto glissile configuration in the prismatic plane is characterized by the recombination energy E, associated with the Friedel-Escaig mechanism. This recombination energy is an increasing function of oxygen concentration [41, 43] . In other words, oxygen affects the core structure of the screw a dislocations and directly impacts the physical (lattice) parameter, which describe the dislocation mobility.
The jump distance between two sessile configurations h s , directly deduced to the Peierls model, is at each condition greater than the distance between two adjacent Peierls valleys [13, 43] . Additionally, the jump distance is a decreasing function of the oxygen content [13, 43] . Oxygen therefore seems to be at the origin of a jump distance. However, many points remain unclear; in particular, the nature of the interaction between oxygen atoms and dislocations is unknown. Furthermore, the dynamic interactions between dislocations and oxygen encountered around 623 K in the alloys of titanium and zirconium are still poorly understood.
Uniaxial tensile loading favours the activation of c + a slip (requiring the accommodation of strain along the c axis); this c + a π 1 activation is observed in the majority of plastically deformed grains in polycrystalline material [13, 14] . This property leads to larger strain rate sensitivity in relation to a lower activation volume for these slip systems [6, 13, 14] . It seems that for this stress configuration, a rotation of the c axes takes place rapidly in the early stages of the deformation, which promotes the activation of prismatic slip. Thus, at higher plastic strain, we observe similar strain hardening and strain rate sensitivity [13, 14] . As in the case of prismatic slip, oxygen content reduces the activation volume of the c + a slip suggesting similar mechanisms for these dislocations in terms of mobility to those proposed for the mobility of screws a [14] . This last point deserves to be confirmed by in situ TEM observations. Owing to its low solubility and high mobility, the effects of hydrogen in solution on the mechanical behaviour of titanium and zirconium alloys have been less studied. Nevertheless, some points are now well established. Tensile tests performed on zirconium alloys in the range of 250-400°C highlight the fact that the hydrogen content leads to a stress softening that depends strongly on the oxygen content (figure 1). Additionally, an increase in creep velocities has also been observed [14, 44, 45] . Using the relaxation tests for the same alloys, it was found that hydrogen increases the activation volume for moderate oxygen content (0.31% in equivalent oxygen content O eq ). On the other hand, no significant effect was observed for larger oxygen content (table 1) [14] . This last point appears to be confirmed by results obtained in zircaloy-4 (0.8 at% in O eq ), where the hydrogen content has negligible effect on the activation volume [44] . All these results are unaffected by different stress orientations despite the crystallographic texture [47] . Thus, the role of hydrogen is similar on a and c + a slip systems (table 1) .
All the features just discussed seem to be associated directly with the presence of oxygen and its effect on screw dislocation mobility; therefore, the common explanation given for the impact of hydrogen in terms of elastic shielding effect cannot be possible in Ti-α and Zr-α alloys [48] [49] [50] . Despite this, in situ TEM observations under hydrogen pressure highlight an increase in screw dislocation mobility with hydrogen content in Ti-α [51] . Using ab initio calculations based on density functional theory, Domain et al. have studied the interaction of hydrogen with stacking faults in the Zr-H solid solution. Hydrogen seems to reduce stacking fault energies, which favours the spreading of the dislocation core in the prismatic plane and consequently hinders cross-slip [46] . In fact, there are no experimental results to confirm these observations and the interactions Table 1 . Impact of hydrogen and oxygen content on the activation volume V/b 3 of the prismatic slip a P and the pyramidal slip c + a π 1 (tensile and relaxation tests at a temperature of 300°C for zirconium alloys) [43] . between hydrogen and oxygen are not considered in these calculations. On the other hand, atomic simulations demonstrate a repulsive interaction between oxygen and hydrogen at a very short distance in the atomic network of Zr-α [46] . Hydrogen solutes, located on the tetrahedral sites, in the vicinity of a screw dislocation are therefore likely to decrease the number of octahedral sites available for oxygen by a simple repulsive effect. This analysis is in agreement with the increase of the activation volume as a function of the hydrogen content observed at 300°C (table 1) . Indeed, at this temperature the evolution of the activation volume is associated with an increase in the jump distance of a screw dislocation between two sessile configurations. The decrease in the number of available octahedral sites for oxygen in the presence of hydrogen thus seems to lead to an increase in the jump distance and consequently to a decrease in the strain rate sensitivity. This last point deserves to be confirmed by TEM in situ tensile tests performed under partial pressure of controlled hydrogen. If all of this work is very promising, it should not be forgotten that oxygen and hydrogen are mobile in the temperature regime considered (250-400°C). Consequently, the jump distance h can be considered as only one average value at a given time.
Hydride phases and crystallographic orientation relationships
The spontaneous nucleation and growth of hydride precipitates observed in materials such as titanium, zirconium and their alloys occurs due to the very fast hydrogen diffusion and the low solubility threshold. The volume expansion generated by the hydride precipitation (around 15%) induces high internal stresses [14, 52] at the origin of a decreased toughness [53] . Three different hydride phases can then precipitate, γ, δ and ε, whose structure and morphology depend on a Recent results reported in [11, 72] .
the hydrogen content (table 2) [10, [54] [55] [56] [57] [58] [59] [60] [61] [62] [63] [64] [65] [66] [67] [68] [69] [70] [71] . The metastable γ-TiH phase, which precipitates in Hpoor Ti, shows long and thin lamellae of face-centred tetragonal (FCT) structure with c/a > 1. Hydrogen atoms occupy tetrahedral sites of (110) planes. The stable face-centred cubic (FCC) δ-phase of CaF 2 structure type develops at intermediate H content with a random occupation of sites. In the literature, another FCT phase is reported (the ε one) for which c/a < 1. In some situation, the three phases can exist simultaneously. Various factors influence the hydride precipitation (composition, texture, work-hardening, etc.). On the one hand, intermediate/high hydrogen contents and slow cooling favour δ-hydride precipitation, increasing the proportion represented by this phase in the ensemble of hydride precipitates. On the other hand, after fast cooling, the γ-hydride is often observed. The δ-hydride precipitation is favoured under traction or shear stress, meanwhile γ-hydride formation is observed in the absence of stress [54, 72] . Hydrides tend to precipitate in a plane perpendicular to the tensile direction [55, 73, 74] . The content of the alloy elements influences the hydride nature (γ or δ) [73] . In particular, zirconium alloys with oxygen concentrations higher than 1000 ppm favour the precipitation of δ-hydride. The precipitation sequence for hydrides of different natures can be different depending on several factors: the total and local hydrogen content, and the crystallographic orientation of the matrix. In general, the stable δ-hydride is directly formed at the Ti interface: TiH x /Ti for favourable crystallographic orientations or through the formation of the intermediate, γ-TiH phase. The transformation from γ-TiH to δ-TiH x occurs without changes in the orientation relationships with the α-Ti matrix [56] .
We observe that decreasing the hydrogen content in the δ-phase associated with the hydrogen diffusion can lead to the inverse transformation: δ -γ [75] . This result was confirmed for global and local approaches in recent works on Zr alloys [11] . The γ-phase forms from the α-phase via a shearing of the hexagonal lattice simultaneously to hydrogen atom diffusion [76] . The δ -γ transformation seems to follow a similar mechanism [75] . The formation of the δ-phase from the α-phase follows a transformation of a near-martensitic type [77] .
The crystallographic coherence between the hexagonal substrate and the hydride precipitates is fairly high. In previous works, TEM bright-field (BF) images and selected area electron diffraction (SAED) patterns allowed the identification of four particular epitaxial orientation relationships (ORs) [ ORs observed for the three hydride phases in α-Ti and α-Zr are listed in table 2. Recently, OR1 [72] and OR3 [11] were also observed in δ-hydrides/α-Zr. Investigations on the existence of other ORs between zirconium hydrides and the matrix are in progress. The parallel planes, the parallel zone axes between the two phases for each OR as well as those at the interface are: Dislocations are necessary to accommodate the misfit between FCT and FCC hydrides and the hexagonal matrix [61] . Carpenter et al. propose that the large shear strains associated with the precipitation mechanism may play an important role in the preferential orientation of hydrides under stress [62] . More recently, other authors have quantified the density of dislocations in zirconium hydride, which seems to be higher than those in the zirconium matrix [80, 81] .
Thermodynamic parameters play a crucial role in the dissolution/precipitation mechanisms of hydride phases in zirconium alloys. Thermodynamic investigations on a global scale [11] , consisting of thermal cycling of samples with different hydrogen contents using differential scanning calorimetry (DSC) for a large number of cycles, show that both dissolution and re-precipitation temperatures increase with the number of cycles. It was observed that the dissolution temperature is higher than that of precipitation and is independent of the hydrogen content in the range investigated. This difference in temperature can be discussed in terms of energy. In fact, many authors have been measuring the activation energy, the entropy and enthalpy for these processes in different zirconium alloys [82] [83] [84] [85] by performing thermal-cycling measurements with a global approach (over a large density of hydrides). According to these authors, the dissolution enthalpy is slightly higher than that of precipitation for many different zirconium alloys. However, the same kind of experiment performed in zircaloy-4 containing gamma-hydrides shows a larger difference in enthalpy (28 kJ mol −1 ) [72] between dissolution and precipitation, where the dissolution enthalpy is higher than the precipitation one. Mathematically, the difference between both enthalpies is only dependent on the stored elastic and plastic energies. The experimental difference observed can thus be attributed to misfit dislocations.
TEM in situ measurements in the same kind of sample confirm this hypothesis (figure 2). In fact, misfit dislocations were observed at the γ-ZrH/Zr interface at 300 K before heating (figure 2b). In the same figure, the depinning of a misfit dislocation is observed at 700 K when the dissolution is completed. This means that part of the hydrogen atoms from the dissolved precipitate are driven away from the precipitation region and are no more available to reprecipitate [86] . In terms of dissolution temperature range, slight differences may be observed between an in situ heating experiment (where a single precipitate is observed at a local approach) and DSC cycling (a large number of precipitates involved in a global approach). By TEM, the beginning of the dissolution process is observed at temperatures lower (figure 2a) than that indicated by the heating rate curve in figure 2c at a global scale. However, images show that the hydride main volume dissolves in the temperature range of figure 2c. Similar results were obtained by in situ TEM performed in zircaloy-4 samples richer in H, where only FCC δ-hydride precipitates were observed. This indicates a good agreement between global measurements (DSC) and in situ TEM observations at a local scale.
The decrease in concentration of hydrogen atoms available to precipitate can explain the difference in energy between dissolution and precipitation after a thermal cycling for a global approach. Moreover, the accumulated effect of multiple misfit dislocations depinning after a large number of cycles can lead to the precipitation of hydrogen-poor hydride phases. In fact, the simultaneous presence of the initial hydrogen-rich phase (the FCC δ-hydride) and a hydrogenpoor phase (the γ-FCT) was observed at the hydride-substrate interface after cycling, as shown in figure 3 . The re-precipitation of the δ-hydride after 20 thermal cycles is still highly coherent with respect to the substrate (orientation close to an OR3 in this case) and the (220) planes of the γ-FCT phase are parallel to those of the γ-FCC ( figure 3c,d ).
Some interactions between hydrides and deformation modes and their implications on strain hardening
Numerous works describe hydrides as a brittle phase based on the significant reduction in the ductility of the hydrided titanium and zirconium alloys, the hydrides being considered fragile for temperatures below 150°C [77, 87, 88] . By contrast, above 150°C titanium and zirconium hydrides are most often found to have a ductile behaviour [89] [90] [91] . The study of the behaviour of solid hydrides, supplemented by nanoindentation tests, demonstrated the ductile nature of the hydrides [91] . However, the hardness and the yield stress at room temperature are very sensitive to the hydrogen content and therefore to the nature of hydrides both for titanium and for zirconium and its alloys. Most authors [92] [93] [94] [95] [96] [97] [98] [99] show that titanium or zirconium hydrides (γ, δ or ε) have a higher Young's modulus, hardness and yield strength than those of pure metal but decrease with increasing hydrogen content. Only Setoyama et al. [100] observe a decrease in Young's modulus and Vickers hardness of δ-hydrides TiH 2−x compared to pure titanium. Owing to the indentation size effect (ISE), the hardness measurements are scattered. Rico et al. [97] obtain an average value of 1.75 GPa for the zirconium alloy (Zirlo) and 2 GPa for the δ-zirconium hydrides, whereas the values of Yamanaka et al. [94] , obtained by microhardness, are between 2.4 and 2.6 GPa for the δ-hydride bulk sample. Because the large penetration depths due to microhardness tend to eliminate the ISE, the microhardness measurements of Yamanaka et al. [94] are in good agreement with the true hardness obtained by nanoindentation with the Nix & Gao model [98] . On the other hand, Xu & Shi [95] measured by nanoindentation an average hardness of the zirconium matrix of 4.8 GPa and ε-hydrides of 3.3 GPa which is too high because of ISE at the low penetration depths. The same problem is found with the results of Kuroda et al. [96] (4 GPa) and those of Oono et al. [99] (3-4 GPa) for δ-zirconium hydride. It can simply be concluded that the δ-hydrides are harder than the ε-hydrides and harder than the zirconium matrix. The yield stress is also very sensitive to the nature of the hydride. For example, at ambient temperature for the Zr-2.5Nb alloy, the mean yield stress of the γ-, δ-and ε-hydrides is σ y (γ) = 540 MPa, σ y (δ) = 680 MPa and σ y (ε) = 200 MPa, respectively [91] . These high elasticity limits make hydrides a 'hard' phase for inclusion in a more ductile α-phase matrix. Thus at 25°C the ε-hydride exhibits good ductility and a high work hardening (θ = 15 GPa), the γ-hydride is [44] .
less ductile and hardens slightly (θ = 1.25 GPa) and finally the δ-hydride has a very low ductility and a high work hardening (θ = 10 GPa) [91] .
The behaviour of hydrided titanium and zirconium alloys is therefore to be compared with the general framework of alloys reinforced by a second phase. It has been shown by loadunload tests that the presence of hydrides induces long-distance internal stresses σ i , which harden α-titanium [52] and zircaloy-4 [44] . The internal stress increment (σ i = X) allocated to the hydrides first evolves linearly as a function of the plastic deformation (ε p ) and then appears to stabilize (figure 4). This linear behaviour of X as a function of ε p observed during the first stage of deformation corresponds to the hardening of a material containing a second phase that deforms elastically. The slope of this linear domain can then be estimated by an Eshelby inclusion approach [101] . For lattice precipitates, X is given by the following equation:
where Γ is a dimensionless parameter taking into account the shape of hard phase particles (hydrides), μ the shear modulus of the matrix, D the modulus correction factor in relation to elastic inhomogeneity, f v the volume fraction of the hard phase and M the alloy, pure titanium or zircaloy-4. The theoretical slopes obtained with the expression above are close to the experimental one (figure 4). The hydrides can therefore be considered as hard inclusions, deforming only elastically up to a material-and temperature-dependent threshold (ε p = 0.16% for α-titanium at 25°C and ε p = 0.25% for zircaloy-4 at 350°C). Beyond this threshold, the loss of linearity corresponds to a relaxation that only a dislocations slip transfer mechanism from the matrix to the hydride can explain. The plastic deformation of hydrides has been reported by many authors, either for solid hydrides [89, 90, 102] or as a secondary phase [47, 52, 53, 81, [100] [101] [102] [103] [104] [105] [106] [107] [108] [109] [110] . For example, some studies show that hydrides are able during loading to align themselves parallel to the applied stress before their fracture, which shows that they have a certain ability to deform [47, 73, 81] . TEM observations reveal a lot of possible interactions between dislocations or twins of the titanium or zirconium α-phase and the hydrides [44, 52, 53, [104] [105] [106] [107] . These interactions depend on the nature of the hydride, but also on the epitaxial orientation relationships between the α-phase and the hydride as well as the level of plastic strain. The most detailed studies concern titanium alloys whose texture is favourably oriented to prismatic slip [52, [104] [105] [106] [107] . Generally, the transfer of the deformation in the hydride does not depend on the type of hydride (γ or δ) but rather on the nature of the type I (OR1) and type II (OR2) epitaxial orientation relationships. This transfer can be the hydride shearing which classically occurs for small precipitates or the local destruction of the hydride (dissolution) favoured by a conjugate effect of temperature, stress and slip bands as well as by the intersection with a twin. For type I hydrides (OR1), the presence of a dislocation at the hydride/matrix interface in the form of a pile [103] or not [104] [105] [106] [107] which favours slip transmission when the hydrides are thin (thickness less than 400 nm). When the thickness of the hydrides increases the transfer of the slip is made more difficult, the hydride shear is less and the damage of the latter appears for a weaker deformation [104] [105] [106] [107] . The Burgers vector of the dislocations observed in the γ-and δ-hydrides, as inclusions in the α-phase, is of type 1/2 110 [104] [105] [106] [107] , which is in agreement with observations on polycrystalline solid hydrides [102] . The coherence of the interface between the hydrides of type I and the α-phase leads to a transfer of the deformation according to the following relation: where b r is a residual partial dislocation that can be described by a step left on the interface [104] . As this reaction is not energetically favourable, it can only occur under a stress concentration. Moreover, as the slip planes in the hydride are {111} type, the transmission of the slip requires a deviation process at the interface of the prismatic plane to the pyramidal plane π 1 . For type II hydrides (OR2), the angle between a prismatic plane and a {111} plane of the hydride is about 30°: the transfer of the deformation of the matrix to the hydride is also more difficult. On the other hand, for higher deformation rates, the activation of the basal and π 1 slips makes this transfer more favourable because of their better coincidence with the slip planes of the hydride. Thus, the TEM observations of figure 5 make it possible to identify in table 3 the dislocations formed at the interface between titanium matrix and type II γ-hydrides after a plastic strain in tension of 1%. The results seem to agree with the activation of the c + a pyramidal (π 1 ) slip in the matrix and 1/2 110 {111} in the hydride but do not make it possible for now to understand the transmission of the sliding of the matrix to the hydride.
TEM observations performed at 6.5% plastic strain, prior to damage, resulted in the formation of special structures as shown in figure 6 . For example, figure 6a shows a weak beam of a type II hydride under a basal diffraction vector of the matrix, whereas figure 6b corresponds to a dark field of the same hydride (g = [111]) with a near basal habit plane (1017). However, these two photographs show that the hydride has a 'palm tree trunk' appearance, each section separated from the others by platelets of a few tens of nanometres, which does not belong to the titanium matrix nor to the hydride. These platelets, which can be imaged in a dark field, cannot be indexed as twins of the hydride and have been identified as titanium having a different orientation from that of the matrix but having a type I orientation relationship with the mother hydride (figure 6c). These zones are therefore incoherent with the matrix, which favours the appearance of a stress field along the hydride between the platelets and the creation of accommodation dislocations at the tip of these platelets. Similarly, at the same plastic strain, the intersection of a tensile twin (K 1 = (1102) and η 1 = [1101]) with a type II γ-hydride causes a reorientation of the latter so that it is found with a type I orientation relationship with the twin zone (figure 6d). Finally, the micrograph of figure 6e shows the shear of a type II hydride by c + a dislocations. These various transformations occur by shearing and/or by phase or orientation change (γ → Ti or γ II ↔ γ I . . .) which involves the diffusion of the hydrogen under the effect of the local stress.
Conclusion
This paper reports the substantial efforts to establish the impact of hydrogen on the viscoplastic and hardening behaviour of Ti-α and Zr-α alloys. Owing to low hydrogen solubility at room temperature, the real impact of the solute on the fundamental plasticity processes was improved only at temperatures higher than 500 K and depends mainly on oxygen content. Using a lockingunlocking model to describe the screw dislocation mobility, the consequences of hydrogen and oxygen contents on thermal-activated processes have been discussed. Some possible impacts of both solutes on dislocation core structure have been suggested. For larger hydrogen contents and lower temperatures, the kinetics of precipitation and dissolution of hydrides are partially clarified. The crystallographic coherence between the hexagonal substrate and the hydride precipitates is fairly high with particular epitaxial ORs. The thermal cyclic loading induces a deepening of misfit dislocations, which lead to the re-precipitation of hydrogen-poor hydride phases. The possible relationship between ORs and this process needs to be explored further.
The different interactions of the dislocations with the hydrides and their consequences on the strain hardening of Ti-α and Zr-α alloys were illustrated. It was clearly demonstrated the possible accommodation of the plastic strain by the hydrides and the partially reduction of the deformation incompatibilities between the hexagonal phase and hydride phases. This last point needs to be improved in relation with the different epitaxial orientation relationships.
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